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Abstract  This paper reviews recent work concerning  improvements to the hot ductility test to simulate straightening 

during continuous casting of steel slabs and billets. Various thermal paths were tested for their suitability in assessing the 

likelihood of transverse cracking in a variety of mostly microalloyed steels. For non -Ti steels with reasonably high Mn 

contents, the simple procedure of reheating to dissolve all the microalloying additions, followed by  cooling to the test 

temperature is adequate. However, tests that include in-situ melting, followed by primary rapid cooling in the mould  and 

foot-rolls and slow secondary cooling are generally recommended. Whilst the inclusion of thermal oscillat ions to s imulate 

slab-roll contact improves accuracy, they are only recommended for steels with high transformation -start temperatures. The 

following systematic studies on as-cast hot ductility were performed using the improved cycle method: i) The influence of Ti 

in low C-Nb steel slabs - here, the ductility decreased marked ly with the addition of Ti using simple tests. However, when the 

improved thermal cycle was applied, Ti additions were found to be beneficial up to a Ti:N ratio o f at least 7.5:1. ii) The 

influence of V and N content in Nb-Ti peritectic steel slabs – the ductility improved when V was added to Nb-Ti steels and 

was attributed to a delay in precipitation and a decrease in fine particle fraction. To avoid transverse cracking in these st eels 

containing high N, hypo-stoichiometric addit ions of Ti are required. iii) The influence of h igh N content in a range of medium 

C microalloyed billets - it was shown that Ti additions to V- or Al- containing grades, although beneficial at low N levels, are 

detrimental to  hot ductility  probably due to a higher p recipitate volume fraction. Ti-high  B-high N steels produced the poorest 

hot ductility. Low total B content and near stoichiometric Ti:N ratios significantly improved ductility by reducing the 

potential for harmful BN and AlN precipitation. Grades containing moderate amounts of V resulted in  good ductility due to 

the suppression of precipitation. Thermal modelling and industrial observation indicated that corner temperatures of 

microalloyed steel slabs should be below the Ae3 during unbending to prevent corner cracking. Conversely, high unbending 

temperatures corresponding to the upper portion of the ductility curve should be aimed for in billet casting.  
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1. Introduction 

The simple hot tensile test has long used to estimate the 

likelihood of transverse cracking occurring during the 

continuous casting of microalloyed steels. Although an 

over-simplification of the industrial continuous casting 

operation, this test successfully ranked C-Mn-Al, C-Mn-Nb 

and C-Mn-V steels in order of their susceptibility to 

transverse cracking. More sophisticated tests for direct 

application to commercial billet and slab casting operations 

are reviewed here[1-5]. 

The orig inal hot  tensile test  cons isted o f heat ing to  

sufficiently h igh temperatures (1250-1300℃) to dissolve all 

carbonitride and A lN precipitates and generate a coarse grain 

size to approximate the as-cast microstructure. The tensile  
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specimen was then cooled at a constant, average cooling rate 

experienced by the strand from the melt to the test 

temperature, this being taken as typically 60℃/min for a 

220mm th ick strand. For these conditions a reduction-in-area, 

RA, above 35-40% was necessary to prevent cracking[6,7]. 

A 2-D temperature model[8] showed that the surface of 

the strand cools rapidly in the mould after pouring and 

reaches a temperature trough at the foot-rolls. As the strand 

moves down the caster, the surface temperatures initially rise 

again due to the hotter interior but eventually fall slowly 

during secondary cooling. When the hot strand is in contact 

with the colder guide-rolls, the surface temperature oscillates 

significantly fo r a short period. 

Cooling at the corners region is the fastest and, due to 

geometry, cooling rates in billets are higher than in slabs. 

Depending on the severity of the cooling pattern, the 

temperature in the corner region can fall into the 

austenite-ferrite transformat ion zone at the end of primary 

cooling, thereby refin ing the grain size and promoting 

precipitation of carbides and nitrides. A small amount of 
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transformation is detrimental to ductility since the strain 

concentrates in the thin ferrite films, whilst a large, soft 

ferrite fraction is beneficial since much more strain  can be 

absorbed during unbending. 

 

Figure 1.  2-D continuous casting temperature model for a) steel C6, 240 x 

900mm
2
 strand: speed = 1m/min, radius = 10m, b) steel M5, 140mm

2
 billet: 

speed = 2.3m/min, radius = 7m. BF = broad face, NF = narrow face[8] 

The thermal path selected for the tensile test approximates 

a specific position in the strand. The most relevant thermal 

path to simulate corner cracking is open to question and 

accounts for the wide range of cooling rates used (10-1200℃
/min)[7]. A lthough cracks originate at oscillation marks on 

the surface, the location to which  they propagate is likely to 

be below the surface, where the chill, fine-grained zone 

merges into the coarse, columnar reg ion. 

2. Experimental 

The steel compositions studied, together with their 

calculated Ae3 temperatures[9], are shown in Table 1 and 

include low C, peritectic C and medium C microalloyed 

steels. Additional results on medium C-Ti-B steels, not 

published previously, are also briefly d iscussed. “Peritectic” 

here refers to the C content but may actually be 

non-peritectic due to other additions. Various cooling 

profiles were applied using a Gleeble 1500D, figure 2, to 

determine hot ductility behaviour. A  typical unbending strain 

rate of 3x10
-3

s
-1 

was used in all tests. 

Average cooling rate – cycles A,B,C: In figure 2a, cycle A 

represents the older test method, where the specimen was 

reheated to 1300℃  and cooled at a constant cooling rate of 

300℃/min. to the test temperature. In cycle B, specimens 

were in-situ melted and d irectly  cooled at 300℃/min. to the 

test temperature. 
In cycle C, specimens were melted and cooled at a  

relatively fast secondary cool rate of 24℃/min directly to the 

test temperature. 

Primary & secondary cooling–cycles D,E: Cycle D 

approximated the thermal path at the sub-surface corner 

region of slabs. Th is quasi-industrial cycle, figure 2b, 

included in-situ melt ing, in itial cooling at 600℃/min to the 

end of the foot-rolls, a  temperature rise due to heating of the 

surface from the molten core and subsequent secondary 

cooling at 12℃/min to the test temperature. The corner 

temperatures at the end of init ial cooling in these tests was 

chosen to fall in the austenite region, although these may be 

lower depending on cooling severity. Cycle D for simulating 

140mm
2
 billet casting included faster speeds and faster 

secondary cooling rates (2.2m/min , 24℃/min), figure 2c. 

Cycle E  was similar to cycle D for slabs but included a 

number of thermal oscillat ions to simulate contact of the 

strand surface with guide-ro lls on the broad faces. 
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Table 1.  Composition of steels tested 

Steel Code Type C Mn Si Nb Ti V N B Ti:N Ae 3 

      % % % % % % ppm ppm   ºC 

E1* AC2-34 ELC 0.02 0.2 - - - - 48 - - 844 

L1 K42 LC-Nb 0.04 1.6 - 0.059 - - 32 - - 810 

L2 K24 LC-Nb 0.05 1.7 - 0.033 - - 82 - - 802 

L3 K40 LC-Nb 0.04 1.6 - 0.055 - - 66 - - 809 

L4 K66 LC-Nb-Ti 0.06 1.7 - 0.044 0.013 - 72 - 1.8 792 

L5 K14 LC-Nb-Ti 0.03 1.6 - 0.031 0.013 - 42 - 3.1 810 

L6 K15 LC-Nb-Ti 0.04 1.6 - 0.031 0.012 - 77 - 1.6 805 

L7 K57 LC-Nb-Ti 0.04 1.6 - 0.046 0.036 - 48 - 7.5 795 

C1 RC1-28 C-Nb 0.13 1.2 - 0.022 - - 95 - - 780 

C2 RC1-83Nb C-Nb 0.17 1.5 0.3 0.021 - - 74 - - 769 

C3 RC1-83 C-Nb-Ti 0.16 1.4 0.3 0.028 0.028 - 60 - 4.7 766 

C4 RC1-83 C-Nb-Ti 0.17 1.4 0.3 0.021 0.016 - 74 - 2.2 766 

C5 RC1-83 C-Nb-Ti 0.16 1.4 0.3 0.023 0.023 - 60 - 3.8 766 

C6 RC1-85 C-Nb-Ti 0.13 1.5 0.3 0.034 0.025 - 62 - 4.0 770 

C7 RC1-14 C-Nb-Ti-V 0.13 1.5 0.3 0.039 0.034 0.030 80 - 4.3 765 

C8 RC3-02 C-V 0.14 1.5 0.3 - - 0.050 105 - - 777 

M1 SAE5160 MC-V 0.56 0.8 0.3 - - 0.028 42 - - 721 

M2** 080A42 MC-V-Ti 0.38 0.8 0.3 - 0.019 0.025 90 - 2.1 745 

M3 15B36 MC-Ti-B 0.34 1.4 0.3 - 0.028 - 119 31 2.4 730 

M4 51B40 MC-Ti-B 0.39 0.8 0.3 - 0.032 - 116 36 2.8 748 

M5 51B40 MC-Ti-B 0.42 0.8 0.3 - 0.035 - 140 30 2.5 742 

M6 51B40 MC-Ti-B 0.39 0.8 0.3 - 0.045 - 145 19 3.1 745 

All steels contained 0.03-0.05%Al, 0.01-0.02%P, S < 0.005%, except where indicat ed. 
* S=0.019%. **Average of eight casts tested  

3. Results and Discussion 

Influence of thermal cycle 

Figure 3 shows the effect of thermal cycle on the RA value of various steels at 800℃ . Generally, melt cycle B showed 

inferior ductility in all steels when compared to reheated cycle A. The poor ductility found in melted and directly cooled tests 

was observed previously by Mintz et al[7] and indicated that a more accurate simulation of continuous casting was required. 

This is especially true for Ti-microalloyed steels, where good ductility experienced under industrial (melted) conditions must 

be replicated[10-12]. 

In figure 3a, the RA values for steel E1 after cycles B-D are similar, but significantly lower than that found after cycle E. 

The improvement in hot ductility of steel E1 when cycle E was used is a result of its narrow trough [13]; thermal oscillations 

to 750℃, coupled with deformation at 800℃ - temperatures well below the Ae3 of 844℃ - p roducing sufficient ferrite prior 

to deformat ion, resulting in excellent ductility.  

For this reason, hard cooling is often applied industrially to low C - low Mn grades. At test temperatures above Ae3, i.e. in 

the single-phase austenite, ductility was expected to be similar after all cycles. 
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Figure 2.  Gleeble thermal cycles to simulate continuous casting: a) 

Average cooling cycles A,B,C, b) Cycles D, E for slabs - 600
o
C/min primary 

and 12
o
C/min secondary cooling rate and c) Cycle D for 140mm

2
 billets - 

600
o
C/min primary and 24

o
C/min secondary cooling rate 

 

Figure 3.  Influence of thermal cycle on RA at 800ºC. a) low C-low Mn, b) 

low C-Nb-, V- and low Ti-Nb steels, c) peritectic Nb-Ti steels. The 

experimental error on %RA was ±10% 
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The inclusion of thermal oscillations to simulate slab-roll 

contact improves accuracy but is only recommended for 

steels with a high Ae3. The effect of slab-roll contact was 

confirmed in figure 4, where SEM showed smooth ferrite 

growth planes on the austenite grain boundaries, which have 

only been observed when the ferrite  films are thin. They 

were present at the surface of steel E1 after cycle D but 

absent after cycle E when large amounts of ferrite had 

formed. Cycle C had little effect on ductility suggesting little 

influence of cooling rate on this grade. 

 

Figure 4.  Fracture surface showing smooth ferrite growth planes normally 

only observed when thin films are present. Cycle D in low C- low Mn steel 

El. Tested at 800ºC 

Figure 3b showed little variat ion in RA for any cycle 

applied to steels L1, L4 and C8 given an average error of 

about 10% typically  found in  RA tests. It appears that when 

the test temperature is marg inally lower than the Ae3, then all 

thermal cycles produce similar ductility, imply ing that when 

the unbending temperature is close to the Ae3, then any of 

these ductility tests are fair predictors of poor ductility.  

Figure 3c showed that, in peritectic C-Nb-Ti steels C3 and 

C7, cycle A produced relatively high RA values at 800ºC, 

whilst cycles B and C deteriorated ductility only to recover 

dramat ically in cycles D and E. The good ductility after cycle 

A was attributed to the limited dissolution of Ti and N at 

typical reheat temperatures. Stable TiN restricted the 

austenite grain size and limited fresh precipitation of fine 

TiN, which resulted in good ductility[10]. However, this 

cycle does not occur in pract ice. The excellent ductility 

found after quasi-industrial cycles D and E was due to 

coarsening of fresh precipitates during slow secondary 

cooling compared to the poor ductility in cycle B  and average 

ductility in cycle C which indicated a strong dependence of 

these steels on secondary cooling rate. 

i) Low C–Nb-Ti slabs: Hot ductility curves after cycles B 

and D are shown in figure 5 for low C-Nb and low C-Nb-Ti 

steels. 

Figure 5a shows that, although cycle D significantly 

improved ductility in Nb steel L3, the RA was about 20% at 

800
o
C and hence, crack susceptible. There was almost no 

change to RA in Nb steel L2, probably due to the low N 

content. With a minimum RA of 30% after cycle D, 

transverse cracking is thus not expected to occur in this 

grade. 

 

Figure 5.  Hot ductility curves for a) low C-Mn-Nb and b) low 

C-Mn-Nb-Ti steels. Dashed and open symbols: Cycle B , Solid and closed 

symbols: Cycle D, cf. figure 2b 

Figure 5b showed that cycle D significantly improved 

ductility compared to cycle B. For cycle B , Ti content 

resulted in a slight loss in ductility, whilst in cycle D, Ti level 

improved RA, especially in the lower austenite region – the 

RA between 800 and 900℃ was above 40% - sufficient to 

avoid cracking. This cycle explains the benefit of Ti 

additions to hot ductility of steels under industrial conditions 
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and stresses the importance of accurate simulation of the 

surface and corner temperatures. The positive effect of Ti 

was more substantial at  a h igher Ti:N ratio of 7.5:1, even in 

high Nb steels L3 and L7 - The RA increased from 24% to  

60% at 800℃. 

The variat ion in  Nb level in  figure 5b  did  not appear to 

affect ductility possibly because in melt ing, some Nb may 

precipitate as coarse, harmless eutectic[14]. 

ii) Peritectic microalloyed slabs: Figure 6 shows hot 

ductility curves for peritectic Nb -microalloyed steels with 

and without Ti. A lthough the low Ti:N ratio  improved hot 

ductility in steel C4, it  was not as effective as the 

hyper-stoichiometric Ti:N ratio in steels C5 and C6, which 

contained sufficient Ti to combine with all the N. However, 

the ductility at  750℃  was still low in  all the steels. The 

ductility trough in C5 and C6 occurred below the Ae3  

(766ºC) but started to recover again at 700ºC. 

 

Figure 6.  Hot ductility of peritectic C-Nb and peritectic C-Nb-Ti steels - 

Cycle D, figure 2b 

The N level in these steels is important and small changes 

(0.001%) can have a large influence on hot ductility[4]. The 

slow secondary cooling rate of 12℃/min allowed the Ti-Nb 

rich  precip itates to coarsen sufficiently so that they had less 

influence on the hot ductility in hyper-stoichiometric steels 

C5 and C6[3]. Generally, when the average precipitate s ize is 

larger than 20nm, as was found in these steels[6], only  a 

small deteriorat ion in hot ductility occurred. Higher Ti:N 

ratios improve the hot ductility and have been found to apply 

to steels with up to 0.007%N. N contents above 0.008% lead 

to unacceptably large precipitate volume fractions of TiN 

which, even if coarse, can be detrimental to ductility. A high 

volume fraction of fine precip itates increases the matrix 

strength, leading to enhanced grain boundary sliding[6]. 

Thus, if high N levels in peritectic steels are unavoidable, 

then Ti contents should be limited to about 0.015%.  

Nb-Ti-V microalloyed steel C7 gave substantially better 

ductility than C-V steel C8 which, in turn, was superior to 

C-Nb microalloyed grade C1, figure 7. Steel C7 was also 

superior to the Nb-Ti steels in figure 6 at 800-850℃  but RA 

decreased to a minimum of 28% below the Ae3 of 765ºC. 

 

Figure 7.  Hot ductility of high N peritectic microalloyed steels. cf. Cycle 

D, figure 2b 

Figure 8a shows fine carbonitride precipitation in  Nb-Ti 

steel C6 tested at 800℃, which exp lains the poor ductility – 

30% - found at this temperature. Figure 8b shows a typical 

coarse, isolated carbonitride in  Nb-V-Ti steel C7 at test 

temperature of 800
o
C, which is consistent with the relat ively 

high RA of 50%, figure 7. 

Previous work[15] showed that, using a constant cooling 

rate from the melt (cycle B type test), Nb-V combinations 

result in better ductility than either Nb-only or V-only steels. 

Vanadium, when added either by itself or with Nb, forms a 

coarser, less detrimental precipitate and retards precipitation 

during unbending[16,17]. 

The risk of industrial transverse corner cracking  in  steel 

C6 is illustrated in figure 9 by comparing the predicted 

temperature profiles of two slab casters via thermal 

modelling. 

The relatively soft cool at Caster I (7.5m rad ius) resulted 

in corner and off-corner temperatures during unbending to 

approach the Ae3 and produced frequent transverse cracks. 

The harder cooling at caster II (10m radius) forced the corner 

region temperatures below Ae3 during unbending and 

produced crack-free slabs, presumably due to the formation 

of sufficient ferrite at this stage of casting. This was 

confirmed by the recovery in ductility below 750ºC to above 

30%, figure 6, the RA value below which t ransverse 

cracking in  slabs is thought to occur. Similar behaviour was 

found for all the peritectic steels studied, which all had Ae3 

temperatures in  the 765-780ºC range. Thus, the interaction 
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between steel chemistry and cooling patterns needs to be carefully characterized to avoid transverse cracking.  

 

Figure 8.  TEM micrographs showing a)Nb-Ti microalloyed steel C6 with copious, fine NbTi(C,N)  precipitation and b) a coarse NbTi(C,N) particle in 

Nb-V-Ti microalloyed steel C7. Tested at 800ºC 

 

Figure 9.  Thermal profiles for steel C6 slabs (240mm x 900mm, speed = 1m/min) for a) caster I - softer cool, early unbending and frequent cracking and b) 

caster II - harder cool, late unbending with no observed cracking 
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iii) Medium C billets: Cycle D was used to study a 

cracking problem in medium C microalloyed billets 

containing high N (≥0.008%). Figure 1b showed that the 

corner region in 140mm
2
 square billets is in the 900-1000℃  

range during the unbending operation for a withdrawal speed 

of 2,2mm/min, significantly higher than those found in 

240mm thick slabs. Hot ductility curves for 0.35%C-V steels 

with and without Ti are shown in figure 10. The loss in hot 

ductility generally occurred at h igher temperatures than 

those found for the low or peritectic C steels and well above 

their Ae3 temperatures. The high temperature ductility 

troughs in the medium C steels is thought to be due to grain 

boundary sliding[18] in coarse-grained austenite and smaller 

critical strains at higher C levels [19], rather than ductility 

loss due to strain-induced ferrite films found in low C and 

peritectic micro -alloyed grades. 

 

Figure 10.  Hot ductility curves for medium C-V-steel M1 and C-V-Ti 

steel M2 (eight steels). Cycle D, figure 2c 

 

Figure 11.  TEM micrograph showing sparse, relatively coarse 

precipitation in V-only grade M1. Tested at 900C 

V-only steel M1 resulted in good ductility at above 900ºC, 

due to the suppression of precipitation, figure 11. However, 

only when the temperature in the corner region drops to 

below 900℃ , figure 1b, in  steel M1 does the RA fall to 

dangerously low levels. The addit ion of Ti to medium C-V-N 

steel M2, although beneficial at low N levels, impairs hot 

ductility due to a higher precipitate volume fraction at higher 

N levels. Ev idence to support this is the billet rejection 

histogram in figure 12 reported by Alvarez de Toledo et 

al[20]. 

 

Figure 12.  Influence of total N content on rejection rate in medium C-Ti 

steels[20] 

Ti-h igh B steels M3-M5 had the poorest hot ductility in  

medium C steels containing high N and consequently the 

greatest risk for transverse cracking since RA fell to below 

20% at the temperature expected in the corner region during 

unbending, figure 13. In  steel M6, the lower total B content 

and near stoichiometric Ti:N ratio  increased the solute B 

content to significantly improve ductility in the unbending 

temperature region and is expected to reduce transverse 

cracking in this steel type, especially when high N contents 

are unavoidable. 

Boron is beneficial to hot ductility provided the cooling 

rate is restricted to below 100℃/min[7]. So lute B improves 

hot ductility because of the segregation of B atoms to grain 

boundaries, where vacancies are occupied and the formation 

and propagation of microcracks is prevented[21]. Fast 

cooling rates allow fine BN precipitation to occur in the 

matrix. The s mall interparticle spacing would  allow cracks to 

link up  easily, promoting cracking due to microvoid 

coalescence[22]. The Ti content was too low to precipitate 

all N as TiN in  steels M3-M5 and precip itation of BN and 

AlN was expected. A high rejection rate was experienced in 

these grades in the form of transverse cracks in billets and 

seams in rolled bars. 
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Figure 13.  Hot ductility curves for medium C-Ti-B steels M3-M6. Cycle 

D, figure 2c 

 

Figure 14.  SEM micrographs of fracture surfaces of T i-B steels tested at 

950ºC: a) M5- fracture along austenite grain boundaries and b) M6 - high 

temperature ductile rupture 

The fracture surfaces for steels M5 and M6 are shown in 

figure 14 after testing at 950℃. Steel M5, with low RA, 

fractured predominantly along the weak grain boundaries 

probably due to a low solute B content. Steel M6 had a high 

RA and experienced mostly high temperature ductile rupture. 

Thus, the higher solute B in steel M6 was expected to 

strengthen grain boundaries and improve ductility. 

4. Conclusions 

1. Simple reheating, followed by a constant cooling rate, 

can be used to assess transverse corner cracking in C-Mn 

steels containing combinations of Al, V and Nb. However, 

for improved simulation of t ransverse crack susceptibility of 

Ti-microalloyed steels, melted specimens, combined with 

rapid primary cooling and slow secondary cooling, should be 

used. 

2. In  low C-Nb-Ti steels, the positive effect  of Ti addit ions 

on reduction-in-area was shown to hold up to a Ti:N ratio of 

at least 7.5:1. 

3. In peritectic microalloyed steel slabs, 

a) containing Nb-(Ti), the Ti:N ratio should be 

stoichiometric and in h igh N steels, the Ti content should be 

limited to about 0.015% for acceptable ductility.  

b) containing V-Nb-Ti, the ductility  is higher at 800ºC 

than in V-N, Nb-N and Nb-Ti steels due to a delay in sparse, 

fine precipitation. 

4. In medium C Ti-B billets with high N, good ductility 

can be achieved by limit ing the total B content to about 

20ppm and ensuring a near stoichiometric Ti:N rat io. 

5. When the unbending temperature of the corner region is 

near the Ae3, the risk of transverse cracking increases. For 

slab casting, the critical hot ductility for the avoidance of 

transverse corner cracking is estimated to be about 30%.  
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